In this article the role of voids or particulate inclusions of different sizes on mechanical properties and particularly on toughness in several polymers is discussed. With decreasing void sizes and intervoid distances, the influence of the interphase material around the voids becomes more important and characteristic changes in the nano-and micro-deformation mechanisms appear. These mechanisms are revealed by several techniques of electron microscopy within rubber modified polymers, nanocomposites and nanofibres respectively. Three nanoscopic toughness enhancing mechanisms are described in detail: thin layer yielding, nanovoid-modulated craze-formation, and the core flattening mechanism. The action of these mechanisms constitutes a distinct advantage of nanovoids over microvoids.
Introduction
Most load bearing structural materials are heterogeneous on a microscopic scale. Under load, structural irregularities such as voids, variations of local composition or orientation, inclusions, or arbitrary defects initiate stress and/or strain concentrations, which modify e and frequently degrade e the mechanical properties. On the other hand, the reinforcing effects of particulate or fibrous components within a binding matrix are known from the very beginning of human civilization. Evidently in such composite solids the geometry and the amount and quality of the interfaces between the matrix and the reinforcing components are of primordial importance e and they are the more notable the larger the surface/volume ratio of the discrete phases. Thus considerable advantages have been obtained from the presence of nanoscopic charges. Principally using the dominantly employed clay-based nano-charges as an example, Paul and Robeson detail in their feature article [1] fundamental considerations concerning nano-reinforced composite technology (exfoliation, morphology, thermo-mechanical behaviour) but also barrier and membrane properties. In this paper particular attention will be given to the micromechanics of such nanocomposites.
The first mathematical analysis of stress concentrations caused by the presence of discontinuities in an otherwise homogeneous material and of their effect on mechanical strength was given by the well-known GRIFFITH model. The original elasto-plastic analysis has been well adapted to time-dependent, viscoelastic polymer materials as outlined by Williams in his classic monograph "Fracture Mechanics of Polymers" [2] . He takes into account the effect of yielding, microvoiding and crazing on crack initiation, he also points out that the associated fracture toughness values K init are integral quantities which summarize the global response of the material in the crack tip region. In addition it is even necessary to respect well elaborated fracture mechanics standards concerning sample geometry and loading conditions in order to obtain K-values which really characterize a material and not simply an experiment [3] .
In this paper, however, we are mostly interested in the physical and mechanical phenomena in nanostructured polymers preceding crack initiation such as material property changes related to the presence of interfaces and interfacial layers around particles, the formation of voids triggering fibrillation and crazing and scaling or confinement effects deriving from the small sizes of the constituent structural elements. Since the total number of particles or voids in nanocomposites is enormous, even small modifications of their local environment will add up to influencing macroscopic (mechanical) performance. These effects, the resulting micro-mechanical deformation mechanisms and the macroscopic properties of typical nanostructured polymers are discussed in some detail in this work.
We are not concerned, however, with polymer materials which do possess voids specifically created through processing (like foams), but will discuss void formation in optimum size and amount during application, usually by cavitation or debonding processes during mechanical loading. Some examples of such materials and possible property improvements are presented.
Theoretical background

Void formation
When submitted to (elongational) stresses most polymer materials show a volume dilatation. At small strains the material responds by an elastic and inelastic intersegmental displacement. However, at larger strains it becomes energetically more favourable to accommodate volume dilatation by cavitation. The detailed investigations of Béguelin [4] of a glassy thermoplastic polymer, PMMA, have shown that cavitation sets in at 1.5% of uniaxial strain and that rapid sample loading favours cavitation over shear deformation.
An introduction into the effect of stress concentration and cavitation on mechanical properties of nanostructured polymers has been established in Ref. [5] by more than two dozen (mostly European) researchers. Void opening generally weakens the load bearing capability of a polymer specimen; for this reason the phenomenon has been widely studied. One of the most elegant investigations to show the principle governing effect of void formation on stress-strain behaviour is due to Pawlak and Galeski [6, 7] . These authors have compared the deformation of semicrystalline polymer samples, such as PP, strained in two rheologically similar ways: by drawing in uniaxial tension and by bi-axial compression in a rectangular channel die. In uniaxial tension voids (between crystal lamellae) are readily formed because disentanglement and/or rupture of tie chain molecules are favoured giving rise to inter-lamellar slip thus preventing notable strain hardening. In bi-axial compression deformation occurs through intra-lamellar slip and molecular orientation thus leading to strain hardening. The appearance and stability of cavitational voids having sizes on the nanoscale level associated with chain scission is discussed by Galeski in Ref. [8] . Plummer [9] had demonstrated through illustrative electron micrographs the important role of entanglements in interlamellar cavitation of semicrystalline polymers. However, in deforming such polymers at elevated temperature cavitation is completely suppressed [8, 10] .
Haudin, G'Sell et al. have observed by light microscopy the formation of groups of cavities during drawing of polypropylene films [11] . Using small specimens, G'Sell developed a special videocontrolled test to exactly measure the dilatation during tension. The original technique [12] has been developed to record the intrinsic plastic behaviour of ductile materials by monitoring the effective stress and effective strain by analysing the sample profile in real time. Later, the developed Video Traction method was also applied to investigate differently shaped samples and relative displacements [13] . Specific studies have been carried out by Segula [14] on the strong positive influence of entanglements and intercrystalline tie molecules on the natural draw ratio and post-yield strain hardening of PE-based materials.
Polymer nanocomposites may show peculiar properties that are not present in micro-composites, not even in analogy. To find the cause of such behaviour, a multiscale approach has been applied in Ref. [15] to come to a deeper understanding of the structuree property relationships in polymer micro-and nanocomposites.
Quite recently two important other monographs on the micromechanics of nano-composites have appeared. Halary, Lauprêtre and Monnerie [16] have analysed in depth the nature of the molecular mechanisms involved in cavitation (e.g. intensity of â-relaxations, rate of disentanglement) and their influence on material toughness. For more than a dozen of the most important families of modified polymers data are given as a function of molecular composition and main geometrical filler particle parameters size, diameter and distance. The main focus of Michler and Baltá-Calleja [17] in their equally comprehensive monograph Nano-and Micromechanics of Polymers is directed towards an analysis of the morphological changes occurring during loading in a large variety of neat and modified polymer materials and which are at the origin of their improvement of strength and toughness. In particular, nanovoid formation as consequence of disentanglement, particle cavitation, debonding etc. is discussed in connection with theoretical stress analysis for heterogeneous (structured) polymers.
In this section we are particularly interested in the cavitation behaviour of elastomeric nanoparticles. It is generally agreed, that a cavity in a (spherical) elastomeric particle of diameter D is formed if a void can be nucleated and extended. For the void to extend it is necessary that the elastic energy U elast liberated by the formation of the cavity is larger than the energy U cav consumed by the creation of the new surface associated with this event. Fond [18] has treated cavitation as tetrahedral tearing under biaxial traction ( Fig. 1a and b ).
In his model Fond has quantified the elastic energy U elast stored in a particle (which grows with the third power of D) and the energy U cav for the tearing and opening-up of the interior surfaces, which increases with the second power of the void radius r. This condition is more easily fulfilled for particles with larger diameter D. Using the above model Fond points out, that in addition to U elast > U cav another condition must be fulfilled; since cavitation needs to be nucleated in a small molecular volume element by chain scission or void formation through disentanglement the local strain energy density must be sufficiently large to provide the required potential energy U pot for the elementary event. This second condition is apparently more readily satisfied with smaller or coreeshell particles [19] . In the absence of a thorough theoretical understanding of this phenomenon most work to define the optimum particle structure is done experimentally.
As an example, Fig. 2 shows the cavitation of a 3-layer coreshell particle (hard PMMA core about 180 nm in diameter, soft PBA (polybutylacrylate-co-styrene) rubber shell approx. 40 nm thick and a hard outer shell of PMMA e Fig. 2a ). The particles were preformed and posses spherical shape with a narrow size distribution. Under load, the plastic deformation starts in the rubbery PBA shells of the particles. It is easily recognized that many fibrils have formed in the soft PBA rubber shell ( Fig. 2a and b) as consequence of multiple cavitation has occurred in the elastomeric shells of all nanoparticles [20, 21] .
It is also seen in Fig. 2 that the cavitated particles seem to influence each other so that craze-like deformation bands are formed ( Fig. 2c ). The PMMA matrix strands between the cavitated particles Fig. 1 . Cavitation of rubber particles according to the Fond-model demonstrating that the required cavitation energy U cav consists of two terms, a first for the tetrahedral tearing of the nucleus and a second for its viscoelastic deformation up to the opening of the void [18] . are plastically deformed in form of fibrillated crazes or local shear yielding (depending on the volume content of particles) [20] .
Cavitation in carbon-black filled SBR has been studied by Zhang et al. [22] using real-time small angle X-ray scattering. They observed that nanocavitation sets in at a critical elongation, which depends on the filler volume fraction. They conclude that cavitation occurs within rubber domains between randomly dispersed filler aggregates, which are exposed to triaxial tension even if the sample is deformed uniaxially. The average size of the nanovoids had been estimated to decrease from 40 towards 20 nm with increasing filler content.
In order to better understand these observations we have to discuss the distribution of voids (or of particles/aggregates) in a nanocomposite, the distances between them, the resulting stress concentration and possible interaction between overlapping stressfields.
Geometrical analysis of a voided material
Distribution of voids (or particles) in a nanocomposite
It is useful to visualize how rapidly the number of voids increases with decreasing void size if the volume fraction F is to be kept constant ( Fig.3 ).
It is clear that with increasing void content F the average distance A between the void surfaces decreases; for a cubic lattice arrangement of voids the distance A is given by: Fig. 4 demonstrates that e even for small void contents F À intervoid distances A of the order of the void size can be obtained. Eq. (1) yields as a rough rule A z 0.7D for a void content of 10% by volume, and an A z 0.5D for 15%. Another consequence of the growing number of voids with decreasing void size will be discussed in Section 2.2.5, namely the relative importance of a possible modification of void surface layer material. The amount of modified material may increase to such an extent that it gives rise to a transition from a polymer matrix dominated material to a quasi polymer interfacial material.
Similar geometrical considerations evidently apply with respect to the size of filler particles/aggregates.
Stress concentration around a spherical void
In loaded materials, stress concentrations at, around and between voids can be calculated with the theory of elastic stress concentrations [23] or FEM calculations. In the easiest case, a spherical void in an infinite elastic material is considered. In polar coordinates, three principal stresses can be determined, s dd , s 44 , and s rr . The maximum stress is the component s dd in the equatorial zone around the void (90 to the load direction) with a maximum directly at the equator of 2.045s 0 .
If the voids are not spherical, but elliptical with a long axis 2a and a short axis 2b the tangential stress component s dd at the sharper curvature (smaller radius r K , largest stress concentration s K ) is increased proportional to [24] :
2.2.3. Stress field superposition So far stress concentrations have been discussed for wellseparated single voids. The concentration of stress at the surface of a void decreases quickly with increasing distance from the surface. Overstresses practically disappear at a distance of roughly half the void diameter. If the distance between voids is smaller than half a void diameter, overlapping of the stress fields must be taken into account. For a first approximation the resulting stress can be estimated simply by superposition of the individual stress fields around the single voids. Fig. 5 shows the influence of increasing concentration F of voids with average diameter D on average relative distance A/D between voids (left ordinate) and the resulting stress concentration at the two points P 1 (directly at the void surface) and P 2 (in the middle between voids, right ordinate). In the figures at the bottom the resultant stress concentration s dd /s 0 between two particles is sketched for a smaller particle volume content F of 2.4% and a larger one of 21%. With increasing volume content F, the average distance A decreases at first rapidly and slowly above F ¼ 0.1.
In the case of high void density (F larger than 0.15) stress field superposition at the equatorial region (point P 1 ) becomes remarkable; the stress concentration is larger than 10% of the applied stress s 0 at F ! 0.2 (20 vol.%) where the relative distance A/D is smaller than 0.4. The level of overlapping stresses at point P 2 (in the middle between voids) is much lower but it increases more rapidly than those at the equator (point P 1 ). As a consequence, crazes are more likely initiated in the equatorial region whereas shear yielding prevails in the volume between voids. In the polar regions of the voids there are only small changes of the stress components [25] .
It has to be mentioned again that the level of the elastically calculated stress concentrations is independent on the void diameter. However, the size of the region or area affected by stress concentrations in the adjacent polymer matrix increases with the void diameter D (the width of the stress concentration zone being roughly D/2). Additional details are given in Ref.
[26].
Strength concepts
If there is a strongly stretched elliptical void or a sharp crack, the stress component s K can reach very large values e as formulated by GRIFFITH [27] more than 90 years ago. His concept does not need any elaboration in the context of this paper. Nevertheless it is useful to remember that the inception of rapid crack growth is supposed to be instantaneous once a crack reaches a critical size and that all information on the cracking object, the nature of its material, the specimen geometry, and the environmental parameters are contained in Young's modulus E and the fracture surface energy G (for a body with a crack length 2a):
It was readily observed that the capacity of most materials for plastic deformation greatly influences measured fracture stresses and energy e in particular for polymers. Max Lea Williams (Pasadena, later Salt Lake City and Pittsburgh, co-founder of the International Congress on Fracture, ICF, in 1965) and J.G. Williams, London, have pioneered Fracture Mechanics of Polymers [2] . Kausch (1978 Kausch ( /1987 [28] and Kinloch and Young (1983) [29] have given reviews on the problems, approaches and notable results reported in the first years of its application. The book by J.G. Williams [2] and the recent compilation of Grellmann and Seidler [30] of standardized fracture mechanics methods for polymer characterization are still leading references in this field. As opposed to the GRIFFITH concept the energy fluctuation concept after ZHURKOV also considers gradual changes due to fluctuating local thermal energy [28, 31] . Stress concentrations at defects are overlapping with thermal fluctuations, yielding occasionally a high local energy concentration. Here, binding stresses can be reached and due to rupture of secondary and/or primary bonds a defect can be enlarged stepwise up to the form and size of a critical crack. However, the stepwise process depends on time, and, consequently, failure is delayed. Thus, the "life-time s" of a stressed material specimen depends on stress (generally the largest stress component), thermal activation energy, and a structural factor g:
The difference between the mechanical, athermal GRIFFITH concept and the thermo-fluctuation concept is schematically illustrated in Fig. 6 .
The kinetic theory of fracture admits e in an entirely formalistic way e that time-dependent changes in the matrix can take place. In his seminal approach Zhurkov has studied molecular fracture events such as chain backbone stretching and scission in (highly) oriented loaded systems. From these and his own data Kausch [28] has concluded that chain scission is rather the consequence of sample deformation and not the origin of fracture.
With both, the GRIFFITH and the FLUCTUATION concept stress concentrations lead to a reduction of the practical strength of a material to well below the theoretical binding stress. Usually, for most of the bulk materials the "theoretical strength" is reduced by a factor of 100e1000 e cf. Fig. 6b . This reduction is due to all the defects, which are typical for the microstructure of a material and which can be created and/or amplified during production, pretreatment and service life. Typical morphological defects (supraand macromolecular defects) in polymers, which can initiate voids and reduce strength are sketched in Fig. 7 . For most polymers, the sizes of such defects are smaller than 10 mm.
Modified physical properties of interfacial layers
As indicated above, the properties of a (polymer) material A forming an interface with another material B are influenced by the discontinuity in attractive forces, which results in differences in molecular mobility and organisation. This effect is well known and the physical and thermo dynamical properties of polymers at interfaces and the methods of their analysis are in detail described by Jones and Richards [33] . The effect is particularly pronounced in nano-composites due to the enormous size of interfacial area present in such materials. Their technical application requires information about and control of the physical and thermo dynamical properties of polymers at interfaces, which have been intensively researched in the past decade. An overview about major domains such as the formation of ordered polymer structures at interfaces [34e36] or the development of interfacial strength through molecular reptation [28, 37] is obtained from the cited references.
In the frame of this article the authors are interested in the effect of an interface on the physical properties of an adherend and on the size of the affected interfacial region. An elegant method for the determination of molecular mobility in confined regions has recently been developed by Priestley, Torkelson, Rittigstein et al. [38, 39] . These authors used the dependence on local mobility of the fluorescence intensity of some appropriate dye molecules attached to the chain backbones: the propensity for radiation less internal quenching of an excited dye molecule increases with the mobility of the label thus reducing fluorescence intensity. Attached to a macromolecule these dye molecules allow, therefore, measuring the temperature dependence of the fluorescence intensity, which correctly shows a change in slope at the glass transition temperature T g of the host material. The sensitivity of the method is so high that the T g of a 10 nm-thick film labelled with as little as 1 mol-% of dye can be determined. In some basic experiments these authors have studied the influence of an interface A/B on the T g of an adjacent Blayer. By putting non-labelled B-layers between a substrate A and a labelled layer B the authors determined subsequently the decrease of interfacial interaction with distance from the surface. Thus they have shown that the mobility of a doped PMMA film is measurably reduced even at a distance of some 20 nm from a SiO 2 substrate. It is notably increased near a free surface; the latter effect is penetrating more than 100 nm into the PMMA film [38] .
As an example of these remarkable studies we wish to cite their investigations of two nanocomposites, which are compared to a flat-geometry model-composite (Fig. 8) .
The above flat-geometry model-composite consists of a thin film of marked PMMA molecules sandwiched between two silica substrates. The interfacial interaction leads to a reduction of the molecular mobility of the PMMA molecules and of the labels attached to it and to an increase of its T g of several tens of K. With increasing thickness of the labelled film the average interfacial interaction decreases and DT g drops to a few K (see the centre part of Fig. 8 ). Fig. 8 shows that equivalent increases in T g are obtained in a 130 nm-model composite and in the real 0.4 vol-% silica-PMMA nanocomposite. This means that the average interaction in the flat 130 nm thick model-composite is comparable to that of the randomly arranged spherical particles, which have an average distance of 55 nm. The interfacial interaction between SiO 2 and P2VP (poly vinyl pyridine) is much stronger (corresponding to a DT g of 10 K at a model-composite film thickness of 300 nm).
It should be mentioned that the above fluorescence method is ideally suited to trace time-and temperature-dependent changes in molecular mobility. The above authors [38, 39] thus have intensively studied the effect of confinement, time and temperature on the b-relaxation mechanism, aging and lateral diffusion. In the context of this paper we wish to retain the following observations. An attractive interaction between a given polymer and a substrate may lead to a stiffening of the polymer through partial suppression of the b-relaxation mechanism indispensable for aging; although the authors consider such an effect to originate at the surface, it is still felt at a distance of several tens of nm away from the interface.
Complementary information on these interfacial phenomena was obtained by Brinson and collaborators, who used a nano-indentation technique to directly determine the stiffening effect of a silicon substrate on adhering PMMA films [40] . The results of their study indicate a substantial change in elastic modulus of the polymer near the attractive substrate, on the order of twice that of the neat polymer, and that the altered modulus exists up to 100 nm from the interface. It was shown that the indentation method on thin films (280e 1700 nm) is sensitive to the presence of an interphase of altered properties and to changes in those properties and of their extent.
Apparently in both of the above experiments [38e40] the attractive forces between substrate and thin polymer film lead to an improved in-plane packing and stiffening within a region of up to 100 nm from the interface. Nevertheless, the extent is somewhat surprising.
As opposed to the reduced mobility at attractive interfaces, an increased molecular mobility is observed at a free surface, an effect, which according to the above experiments seems to penetrate more than 100 nm into the bulk and which counteracts aging.
Very large reductions in T g as a function of the thickness of free films were deduced by McKenna et al. [41] from biaxial creep experiments through bubble inflation of several ultrathin polymer films. The most dramatic drop e with a DT g of 122 K e was found for a 3 nm-BPAPC film. In this case the increase in free volume under biaxial tension and the complete absence of lateral constraints had certainly contributed to the large decrease of T g .
However, in a more recent study Erber et al. [42] have investigated by two different methods, ellipsometry and broad band dielectric spectroscopy (BDS), the T g of thin PMMA films deposited on quite different substrates. They had observed that in both types of experiment the T g -values for all film thicknesses were independent of the nature of the substrate and were found in a small temperature band of 393 AE 3 K. In view of these results it seems to be necessary to pay strong attention to the method of sample preparation, its effect on molecular order and on the state of stress when comparing DT g -values obtained by different techniques.
Thin layer yielding
In a thoroughly voided plastic material polymer ligaments or strands are formed, whose average thickness is determined by the average distance between neighbouring voids. With decreasing size of the voids e and increasing void number e the average thickness of the polymer strands decreases (distance A in Fig. 4 ). As discussed in the literature and in the previous section, particular attention must then be paid to the fact that thin polymer strands between free surfaces reveal modified micromechanical behaviour [38e41]. This concept of thin layer yielding or critical thickness had been proposed some 20 years ago by van der Sanden, Meijer and Lemstra [43] . Two examples should be cited, the highly plastically stretched craze fibrils in PS samples and the ductile yielding of thin PS-layers found in PS-PBD-blockcopolymers with layered morphology. Bulk PS usually deforms in a brittle manner; the PS material within craze fibrils, however, is plastically stretched up to 200e300%, which is the theoretical limit of stretching of an PS entanglement network [44] . A similar phenomenon is observed in the layered PS-PBD-blockcopolymers once the thickness of the PS layers becomes smaller than 30 nm, namely a transition from craze-like behaviour to homogeneous stretching of the whole layers [45e47].
Kausch and Michler [48] have referred this so-called thin-layer yielding mechanism to the absence of lateral constraints in thin fibrils or layers. Once the thickness of such polymer strands or films becomes comparable to a few times the radius of gyration of the constituent molecules, most molecular coils sit close to a free surface where lateral stresses are zero. Even if two or three coils are laterally connected by entanglements, no lateral stress components can develop e stress components which are the prerequisite to hydrostatic tension and thus to craze initiation.
It is obvious that micro-or nanomechanical effects such as the widely distributed increased local extensibility of thin films or strands contribute notably to the toughening of otherwise brittle polymeric materials.
Experimental part
Materials
Two groups of polymers have been investigated to demonstrate the advantage of nanovoids over microvoids: rubber-modified and nano-particle reinforced thermoplastics.
3.1.1. Rubber-modified polymers 3.1.1.1. PSAN and PMMA modified with polybutadiene and PBA. Two different kinds of modified PSAN (poly(styrene/acrylonitrile)) were chosen for this study. One was a commercial type of ABS (acrylonitrile-butadiene-styrene) from Bayer AG.
Observations were also made on a copoly(styrene/acrylonitrile)acrylate (ASA) blend with a structure similar to ABS, which was made by melt compounding PSAN with 20 vol-% of preformed rubber particles. Each particle consisted of a single core of PMMA, an inner shell of poly(butylacrylate-co-styrene)(PBA), and a thin outer shell of PMMA, which is compatible with PSAN. The total diameter of the particles was about 260 nm, the PMMA cores had diameters of about 180 nm [21] (compare Fig. 2a ). The same particles were used for the preparation of a toughened transparent PMMA (from Röhm) [20] . 
PMMA/Na-MMT nanocomposite nanofibres.
Electrospinning is a very effective tool for producing polymer nanocomposite nanofibres with improved separation of nanoparticles. As an example, a PMMA nanocomposite containing 5 wt.% of sodium montmorillonite (Na-MMT) was synthesised by dispersion polymerisation and used as the base material. To ensure a homogeneous solution for electrospinning, the PMMA/Na-MMT nanocomposite was dissolved in chloroform at room temperature with gentle stirring for 10 h. Electrospinning was carried out at ambient temperature in a vertical spinning configuration using a 1 mm inner diameter flat-end needle with a spinning distance of 10e15 cm. The applied voltage was 10e20 kV, as driven by a highvoltage power supply. To investigate the morphology of polymer nanocomposite fibres, the fibres were directly electrospun onto Cugrids for TEM inspection [52] . 
Investigation of morphology and micro-/nanomechanical properties
The morphology of ultrathin sections cut from the different materials has been analysed by 120 and 200 kV transmission electron microscopes (TEM). To enhance the contrast in the rubber modified polymers, the samples had been selectively chemically stained with OsO 4 or RuO 4 , whereas the ultrathin sections of the nanocomposites have been studied unstained.
Micro-or nanomechanical deformation mechanisms were studied using three different techniques: -Investigation of fracture surfaces using a scanning electron microscope (SEM); -Investigation of macroscopically deformed specimens using a TEM; -In situ deformation of thin material sections in a 400 kV TEM.
Details of the preparation methods and investigation techniques are summarized in Ref. [54] .
Observation of nanoscopic deformation mechanisms
Rubber particle effects
Usually, in rubber modified polymers rubber particles act as stress concentrators and initiate plastic yielding of the matrix at and between the rubber particles. The toughening effect can be enhanced due to cavitation inside the rubber particles. An interesting cavitation mechanism occurs in coreeshell particles with nanovoid formation within the shell and plastic stretching of fibrils between the nanovoids. One example is shown in Fig. 2 with a transparent rubber-toughened PMMA containing 10 vol.% PBA modifier of the coreeshell type. The higher magnification image Fig. 2b clearly shows the deformation processes in the particles: cavitation and fibrillation of the rubbery shell without deformation of the core (sketched in Fig. 2a ). The PMMA matrix is found to be deformed in the highly stressed zones between the particles due to crazes or homogeneous yielding [20] . The same micromechanical deformation structures were found in deformed ASA [21, 55] .
There are three advantages of coreeshell particles. Firstly, the very small modifier particles can be well distributed within a polymer matrix and with their sizes below 200 nm (half the wavelength of visible light) toughened transparent polymers can be prepared. Secondly, it is important that the voids created after cavitation of the particle shells in dilatational strain fields are in the nm-range, that their sizes remain stable and that void coalescence is prevented, with the result that notable plastic deformation of the matrix is nucleated. This behaviour is opposite to that of homogeneous rubber particles (e.g. of polybutadiene or EPDM), which produce larger voids upon cavitation and e by coalesce of voids formed in closely connected rubber particles e give rise to crack formation and premature fracture. These differences in cavitation behaviour are highlighted in Fig. 9 [56] .
The two mentioned advantages of coreeshell modifier particles permit to improve notably the low-temperature toughness of PP [21] . Fig. 10 shows a thin section cut from a PP blend containing EPR coreeshell particles, which was strained at the very low temperature of À100 C. The particles consist of an ethylene/propylene rubber (EPR) shell surrounding a rigid semicrystalline PE core [49] . Usually, below the glass transition temperature of the modifier particles, the particles can no longer act as rubbery stress concentrators, the initiation of plastic deformation in the matrix is lost, and the materials break in a brittle manner. However, as shown in Fig. 10 , it is well recognized that the EP copolymer shell was cavitated, stretched and fibrillated. The cavities in the shell (and the whole cavitated particles) act as stress concentrators and initiate crazes in the adjacent matrix. It is known that PP well below its glass Fig. 9 . Comparison of the role played by homogeneous rubber particles as opposed to coreeshell particles as toughening modifiers in thermoplastics (from Ref. [56] ). Fig. 10 . PP modified with coreeshell particles; thin section deformed at À100 C, showing cavitated, fibrillated and stretched particle shells around PE cores and crazes in PP matrix. Fig. 11 . Core flattening effect [21] : a) Stretched ASA blend with crazes running between extended and fibrillated rubber particles with flattened PMMA cores; semithin section stretched to high strains, tensile direction marked with an arrow, b) Schematic diagram illustrating transfer of stresses from matrix via rubber fibrils to rigid polymer core: a cavitated coreeshell particle (i.e., after cavitation and fibrillation of the rubbery shell) is shown immediately before fibrils of the glassy polymer core are drawn from the polar regions of the core; in the interphase the core can be stretched into fibrils; true stresses in the shell fibrils are high enough to reach the yield stress of the hard polymer core. transition temperature deforms via crazes. Therefore, the toughening mechanism is similar to the toughening in HIPS and ABS (for details see Ref. [17] ). The experiment was carried out at a temperature well below the glass transition temperature of the rubbery phase, demonstrating, that a toughening process is not necessarily limited by the glass temperature of the modifier particles, provided that they form nanovoids even at low temperatures.
Usually, the hard polymer cores in the coreeshell modifier particles are not deformed, as illustrated in the micrographs of Fig. 2 (PMMA core) and Fig. 10 (PE core) . So far the particle cores were considered to be passive participants in the large strain deformation of the blend, remaining in the inelastic region up to the point at which the specimen fractures. This is confirmed in the above experiment, where the hard cores in the coreeshell particles did not actively participate in the energy absorption mechanism and did keep their initial mostly spherical form (see Fig. 2 ). This is usually accepted because it hardly seems possible to deform a glassy or hard polymer core inside a rubbery shell.
However, electron microscopic inspections of some rubbermodified polymers have revealed a new peculiar micromechanism [21, 55] . Fig. 11 shows an ASA polymer containing acrylic coreeshell particles. After straining a pattern of light dilatation bands appears formed as a result of cavitation within the modifier particles and subsequent crazing in the PSAN matrix. Most of the coreeshell particles feature dark, lens-shaped e flattened e PMMA cores with highly stretched rubber fibrils connecting the rigid cores to the matrix.
Flattened e PMMA cores with highly stretched rubber fibrils connecting the rigid cores to the matrix. The drawing process leading to core flattening is almost identical to the drawing of fibrils from the wall of a craze (surface drawing mechanism). The large plastic deformation of the glassy thermoplastic cores is an additional mechanism of energy absorption and thus of polymer toughening. Discovered by Michler "core flattening" must be considered as a third advantage offered by the use of coreeshell modifier particles [21, 57] . Fig. 12a shows the morphology of a PMMA/SiO 2 nanocomposite. The SiO 2 nanoparticles are uniformly dispersed in the PMMA matrix without any evidence of agglomerates. The size of the nanoparticles is quantitatively analysed from TEM micrographs with the aid of computerised image analysis program, it gives an average diameter of 26 nm. As a consequence, this nanocomposite reveals excellent optical properties. Light transmission is not affected by the introduction of SiO 2 nanoparticles, even up to 20 wt.% of filler loading. The nanocomposite with 10 wt% SiO 2 reveals well-defined crazes in the deformed specimen e Fig. 12b . This "nanoparticle modulated crazing" constitutes a source for energy absorption and thus for enhancement in fracture toughness [51] .
Effect on deformation by inorganic particles in nanocomposites PMMA/SiO 2 nanocomposites
3.3.2.1. PMMA/Na-MMT nanocomposite nanofibres. The morphology of a typical electrospun nanocomposite nanofibre from a PMMA nanocomposite with 5 wt.% Na-MMT is shown in Fig. 13a . The electrospun fibres had relative uniform diameters of less than 500 nm and exhibited nanoporous morphology on the fibre surface. The pores have a very narrow size distribution and the average pore size is of the order of 100 nm in width and 200 nm in length, and the pores are arranged along the fibre axis. The porous structure seen on the fibre surface arises from a rapid phase separation during the electrospinning process [58] . To investigate the deformation mechanism single fibres are stretched in situ under TEM e Fig. 13b ,c. Early on in the deformation process the electrospun fibre will be slightly elongated along the fibre axis due to stress concentrations caused by the nanopores, which leads to a reduction in the fibre diameter e Fig. 13b . When the stress reaches a certain critical value, the nanoporous fibre deforms due to shear yielding in the form of necking e Fig. 13c . With a further increase in strain, the necking progresses along the fibre until the fibre fails. While the bulk nanocomposite deforms in a brittle manner (via fibrillated or homogeneous crazes), the electrospun nanoporous fibre deforms in a ductile manner (by necking) with a considerably enlarged strain at break. It is known from many polymers that a microscopic deformation mechanism of shear yielding is usually connected with a higher toughness of the material in comparison with a crazing mechanism [17] . Therefore, it can be assumed that nanofibres possess a higher toughness than the bulk material, although a direct proof by stressestrain measurements of nanofibres is impossible or at least very difficult to perform. This homogeneous stretching is similar to the effect of thinlayer yielding in layered blockcopolymers; the polymer strands between the nanovoids are thinner than the critical value for thin-layer yielding (cf. Fig. 16 ). It indicates that the electrospinning process provides an alternative way to transform the inherently brittle bulk nanocomposite into a ductile form without significantly sacrificing other attractive properties. This unique synergistic energy-absorbing mechanism presents a highly promising route to reinforcing polymer composites with a great potential of new mechanical applications [50, 58] . An additional advantage of electrospinning is the possibility to better distribute nanoparticles without agglomeration (agglomeration is the main problem in the usual procedure of melt mixing). For instance, nanofibre e nanocomposites of PMMA and SiO 2 also revealed a homogeneous distribution of the nanoparticles with deformation by necking and cold drawing during tension test [50] .
PS/alumina nanocomposites.
The primary alumina nanoparticles have a minimum size of 20e100 nm. In Fig. 14 a composite with a total filler fraction of 5 wt.% is shown; most visible particles have this minimum size, only a small number of agglomerated structures have a size of up to about 200 nm. With increasing particle content more and more particle agglomerates appear, with a shift of the maximum particle size to larger values.
Deformed thin films revealing patterns of fibrillated crazes have been studied at lower magnification by SEM (Fig. 15a ). The craze structure is modulated by larger nanoparticle agglomerates, which generate larger voids by debonding and partly coarser fibrils between them. The higher magnification of Fig. 15b demonstrates the presence of alumina particles, their debonding and the nanovoid formation accompanied by matrix fibrillation. The modulated craze structures visible in Fig. 15 reveal the same nanoparticle/nanovoidmodulated crazing mechanism as shown before (Fig. 12b ).
Deformation at higher temperatures, e.g., near the glass transition temperature T g of the amorphous polymer, changes the brittle matrix behaviour into a ductile one. Deformation tests in SEM reveal a similar mechanism of debonding and nanovoid formation around the nanoparticles as in the case of deformation at room temperature. However, the yielding of the matrix strands between the particle/voids occurs not only in narrow, localized craze bands (as it is shown in Fig. 15 ) but in broad deformation zones [59] . This effect correlates with the macroscopic effect of transition from crazes into shear yielding with increasing the temperature of the amorphous polymers.
Effect on strength and toughness
In the preceding section it was shown, that during deformation of filled multiphase polymers voids or pores were either initiated due to cavitation inside rubber particles or by debonding at the matrixeparticle interface. Rather than acting as defects small and numerous voids tend to favour plastic deformation phenomena e.g. crazing or shear band formation in a polymeric matrix at and between rubber particles (as in rubber toughened polymers ABS, ASA, PP/EPDM). The void diameter should have a size comparable to the typical deformation event, i.e. to the thickness of crazes in SAN or of shear bands in PP. This typical size is usually between a few tens of nm and 1 mm. If the voids are too large or if they coalesce due to small distances between them (at high particle concentrations or heterogeneous particle distribution), they can initiate cracks and premature fracture (cf. Fig. 9 ). This means that voids in mm size act only as a real toughening agent, if they are very homogeneously dispersed and do not form clusters or agglomerates.
As we have shown, in core shell rubber particles or at nanoparticles nanopores appear. If they are homogeneously distributed, they initiate ductile deformation mechanisms with a low risk of premature sample failure. And if the voids e or interparticle distances e are small enough, usually in the range of some 10 nm, they initiate new, additional deformation processes such as the Core flattening mechanism, Thin layer yielding and Nanovoid modulated crazing.
The effect of layer size on deformation behaviour is schematically illustrated in Fig. 16 in the top for a polymer with lamellae. For PSlayer thicknesses of more than 30 nm crazes are formed in some PS layers, which cause a concentration of stress in adjacent layers leading to crack formation and sample fracture at small strains ε b . With decreasing thickness D of the PS layers elongation at break ε b increases slightly (due to a small increase in the intensity of the typical deformation zones, the crazes). Once D becomes smaller than D crit (which is the minimum thickness necessary for craze formation in a PS layer), the transition to thin-layer yielding behaviour occurs, local crazing will be suppressed and the sample deforms homogeneously; the elongation at sample fracture increases dramatically. Fig.16 in the bottom shows TEM micrographs of an SBS star-block copolymer of a composition of 74% Styrol and 26% Butadiene with lamellar morphology. The polymer is shown in the undeformed state on the left hand side and after deformation of some 100% in direction of the lamellae on the right hand side. Originally, the lamellar structure has an average long period of 33 nm with PS lamellae thickness of about 21 nm. After deformation, the lamellar thicknesses and spacings have been reduced by more than 50% as an indication of a large plastic deformation [45] . The stress-strain curve of an SBS star-blockcopolymer with an initial PS layer thickness of 20 nm (Fig. 17 ) confirms the expected ductile behaviour. As compared with HIPS and ABS, the lamellar systems show a lower yield stress, but a much larger elongation at break and toughness and they are, as an additional advantage, transparent.
The plastic deformation of glassy lamellae observed in asymmetric lamellar blockcopolymers is in line with other studies of deformed blockcopolymers using TEM and SAXS. Under deformation at higher strains perpendicular to the lamellae so called chevron morphology was formed by plastic deformation and bending of the PS layers [60, 61] . In general, chevron folding (other words are "fishbone structures" or "zigzag structures") appears in several layered materials as a response to a deformation force acting perpendicular to the layering and have been observed in a variety of blockcopolymers and semicrystalline polymers (where the layers are formed by crystalline (hard) lamellae and amorphous (soft) interlayers) [62] .
Nanovoid modulated crazing is in principle a multiple, regular repetition of the thin layer yielding mechanism in a line perpendicular to the loading direction [48, 51] . Such a pattern of regularly arranged nanovoids and fibrils looks very similar to a craze and is schematically shown in Fig. 18 . Nanoparticles are debonded from the polymer matrix or small particle agglomerates are breaking up, generating small voids; the polymer strands between the voids are then stretched into fibrils. The maximum elongation of these fibrils is limited by that of the entanglement network in the same way as in the usual craze fibrils in brittle polymers. Here, the breaking up or debonding stress determines the crazing stress, which is lower than that in an unmodified polymer. Therefore, crazing is easier and more crazes can be created resulting in a positive effect on toughness. This relatively easy initiation of craze nuclei and formation of crazes opens up a way to enhance the toughness of nanocomposites together with improvement of other properties, e.g., stiffness [53] .
Fracture toughness values have been determined quantitatively for nanocomposites of PMMA with 10 and 20 wt-% SiO 2 nanoparticles respectively (average particle diameter 26 nm) [51] . Table 1 gives the values of elastic modulus E, microhardness HV and fracture toughness K IC of unmodified PMMA and of the PMMA/SiO 2 nanocomposites with 10 and 20 wt-% nanoparticles. The nanocomposites show increased stiffness, microhardness and improved toughness e even at the high filler content of 20 wt.% nanoparticles. In addition, the nanocomposites keep their excellent transparency.
Conclusion
In conclusion it can be stated that nanovoids, which are initiated, for instance, due to cavitation inside particles in rubber-modified polymers or by debonding at the matrixeparticle interface in polymer composites, act in a manifold positive manner:
-In rubber e toughened polymers (e.g., ABS, ASA, PP/EPR) modifier particles with the ability of internal nanovoid formation enable a more effective toughening compared with homogeneous rubber particles (due to an easier initiation of energy-absorbing crazes or shear yielding and a reduced risk of premature fracture). -Nanovoids can initiate the same energy absorbing mechanisms as mm voids, but with a much lower risk of premature fracture; -If the distance between the voids happens to be in an optimum range of a few 10 nm, the polymer strands between the voids deform in a homogeneous ductile manner (absence of lateral constraints). The correlation between void diameter D, void distance A and void content F by Eq. (1) shows that, for instance, void distances of 20 nm and void sizes of 20 nm appear at a void content of about 10%. If the voids are larger, a higher void content is necessary to realize the same 20 nm distance. A higher void content, however, brings a higher risk for void coalescence and initiation of a premature crack.
It should be mentioned that these positive effects could in principle also be realized by nanovoids, which are introduced into the polymer during processing (preparation of a kind of "nanofoams"). However, there is up to now no technique to produce such nanofoams with sufficiently regular, homogeneously distributed nanovoids of similar size. So far voids generated during processing show a large distribution of void sizes up into the mm-range, and the mechanical properties of the voided material are generally dominated by the larger voids e thus eliminating the positive effects of the nm scale voids.
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